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Energetics of native defects in anatase TiO2:
a hybrid density functional study†

Adisak Boonchun,ab Pakpoom Reunchana and Naoto Umezawa*bc

The energetics and electronic structures of native defects in anatase TiO2 are comprehensively studied

using hybrid density functional calculations. We demonstrate that oxygen vacancies (VO) and titanium

interstitials (Tii) act as shallow donors, and can form at substantial concentrations, giving rise to free

electrons with carrier densities from 1011 to 1019 cm�3 under oxygen-rich and oxygen-poor conditions,

respectively. The titanium vacancies (VTi), identified as deep acceptors and induced hole carriers, are

incapable of fully compensating for the free electrons originating from the donor-type defects at any

oxygen chemical potential. Even under extreme oxygen-rich conditions, the Fermi level, which is

determined from the charge neutrality condition among charge defects, electron and hole carriers, is

located 2.34 eV above the valence band maximum, indicating that p-type conductivity can never be

realized under any growth conditions without external doping. This is consistent with common

observations of intrinsic n-type conductivity of TiO2. At a typical annealing temperature and under a

typical oxygen partial pressure, the carrier concentration is found to be approximately 5 � 1013 cm�3.

1 Introduction

TiO2 is a technologically important wide-bandgap semiconductor
with applications as a transparent conducting oxide (TCO),1,2

in photocatalysis3 and solar cells,4,5 and as a ferromagnetic
wide-bandgap oxide.6,7 TiO2 exists as three polymorphs: rutile,
anatase, and brookite. Anatase has been the favored phase for
nanopowdered photocatalytic applications due to its higher
activity than rutile,8,9 although nanostructures like nanorods and
nanotubes with rutile structures have also been synthesized.10,11

The anatase phase is important for TCO applications possibly due
to its smaller electron-effective mass than rutile. There are several
reports on doping for the n-type conductivity of anatase TiO2-based
TCO,1,12–15 and reports on p-type conductivity are very rare. The
photoexcitation of electron–hole pairs in pristine TiO2 requires
relatively high photon energy and occurs only under ultraviolet
light. In practice, reduced TiO2 can absorb photon in the visible
light region according to the abundance of trivalent Ti (Ti3+).16,17

Reduced TiO2 also exhibits n-type conductivity,18–20 the origin of
which was proposed to be donor-type defects like oxygen vacancies

(VO) and titanium interstitials (Tii).
18 First-principles calculations

based on density functional theory (DFT) have been established
as an important tool for understanding and acquiring knowledge
of native defects in general.

Native defects in anatase TiO2 were previously studied using
local-density approximation (LDA) and generalized gradient
approximation (GGA).21,22 However, recent studies revealed that
self-interaction correction and its repercussions for polaronic
effects are important for discussing the electronic and magnetic
properties of native defects in metal oxides.23 The approximation
methods that include some of the essential correlation- or orbital-
dependent effects, such as LDA+U (or GGA+U) and hybrid
functionals, are more insightful for understanding and gaining
knowledge of native defects. Morgan and Watson24 reported a
GGA+U study of the transition levels and single-particle levels of
donor- and acceptor-type native defects in anatase TiO2. They
suggested that VO and Tii are deep donors that donate two and four
electrons, respectively, whereas VTi is a deep acceptor generating
four holes.

Since the Heyd–Scuseria–Ernzerhof (HSE) hybrid functional25

yields a better description of the bandgap, it should also be
useful for accurate estimations of the defect levels in semi-
conductors and metal oxides. Janotti et al.26 performed HSE
hybrid functional calculations on rutile TiO2 and showed that
oxygen vacancies are stable in their positively charged states
V 2+

O for any Fermi energy within the bandgap, indicating that
they are shallow donors. Recently, P. Deák et al.27 also studied
oxygen vacancies and carrier self-trapping in anatase and rutile
TiO2 using HSE06,25 and showed that oxygen vacancies are
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shallow donors in both anatase and rutile phases. Finazzi et al.28

demonstrated using GGA+U (with U = 4 eV) or B3LYP hybrid
functionals that charge-neutral oxygen vacancies in anatase TiO2

create defect states at 1 eV below the conduction band. Recently,
P. Deák et al.29 found that oxygen vacancies and titanium inter-
stitials are both shallow donors by using HSE06. The single-particle
Kohn–Sham levels associated with Ti interstitials were also inves-
tigated using spin-polarized hybrid DFT.28 Malashevich et al.30

studied oxygen vacancies in the rutile structure using DFT+GW,
and found that the transition level of charged states from +2 to +1,
e(+2/+1), is higher than that from +2 to neutral, e(+2/0), showing
negative U behavior. From their estimation it is found that e(+2/0)
lies 2.8 eV above the VBM.

These theoretical studies mainly focused on the identification
of defect levels and the validation of computational results
obtained from the different methods. However the Fermi level
position and carrier concentrations in intrinsic anatase TiO2

have not been quantitatively estimated. Moreover, the origin of
the n-type conductivity is still controversial and a theoretical
study based on accurate computational methods is required. In
this study, we employ the HSE06 hybrid functional, which was
proven to be reliable for defect calculations in TiO2,31 to conduct
a comprehensive study for the energetics of native defects in
anatase TiO2 and to estimate carrier concentration under a given
oxygen partial pressure. Since the antisite defects (TiO and OTi)
have high formation energies,21 they are not considered in the
present study. The native point defects examined in this study
are VTi, VO, Tii and O interstitials (Oi) in anatase TiO2.

2 Computational method

Our study is based on DFT calculations using the HSE hybrid
functional.25 The calculations were performed using the VASP
code32 with the projector-augmented wave (PAW) method.33 We
used a well-converged energy cut-off of 400 eV for the projector-
augmented plane waves. In conventional unit cells, the Brillouin
zone is expressed using 5 � 5 � 5 Monkhorst–Pack meshes.

For Ti, 3s23p64s23d2 states were treated as valence states. In the
HSE approach, the Coulomb potential in the exchange energy is
divided into short-range and long-range parts with a screening
length of 10 Å. In the short-range part, the non-local Hartree–Fock
(HF) exchange is mixed with the Perdew, Burke, and Ernzerhof
(PBE) GGA exchange energy.34 The long-range part and the
correlation potential are represented by the PBE functional.

We used the standard HF mixing a = 0.25 which is suitable
for the satisfaction of generalized Koopmans’ theorem35 in
both anatase and rutile TiO2.31 The geometry relaxation was
performed for a cell volume and shape, as well as for atomic
positions of a 12-atom conventional cell, until the residual force
is less than 0.02 eV Å�1. Our calculated lattice constants are
a = 3.760 Å and c = 9.621 Å, which were close to other HSE06-
reported constants of a = 3.755 Å and c = 9.561 Å,31 and
experimental results: a = 3.782 Å and c = 9.502 Å.36

Our calculated indirect bandgap is 3.73 eV for the transition
from the valence band maximum (VBM) near the M point

(0.425, 0.425, 0) to the conduction band minimum (CBM) at G.
Although we attempted to use the same cut-off energy and valence
electron configuration potentials as were used in previous HSE06
calculations,31 we somehow still obtained a larger bandgap, which
is accidentally equal to the adiabatic bandgap of G0W0 calcula-
tions (3.73 eV).37 Note that, both HSE06 and quasi-particle G0W0

bandgaps are higher than the experimentally measured optical
bandgap (3.42 eV)38

For defect calculations, we extended the conventional cell by
3 � 3 � 1 to produce a 108-atom supercell and introduced a
defect in the supercell. K-points were sampled at a Monkhorst–
Pack special 1 � 1 � 1 mesh for the Brillouin zone integration
of the supercell. Calculations for charged states were also
performed for each defect with neutralizing background
charge. The charged states considered here are (+2, +1, 0)
for VO, (+4, +3, +2, +1, 0) for Tii, (�4, �3, �2, �1, 0) for VTi

and (+2, +1, 0, �1, �2) for Oi. The effects of spin polarization
were included for all charged states. Relaxations were performed
for atomic positions with a fixed cell volume until the residual
force is less than 0.02 eV Å�1.

Fictitious interactions between the charged defect with its
images in neighboring cells and with the homogeneous back-
ground charge were removed using the scheme proposed by
Makov and Payne.39 Normally, the quadrupole term in the
Makov and Payne correction can be approximated to about
one-third of the monopole term for cubic supercells as reported
by Lany and Zunger.40 Since the supercell used in this study is
non-cubic, the non-cubic adjustment41 has been used to correct
the quadrupole term in Makov and Payne correction. The dielectric
constant is needed in the Makov and Payne correction. From HSE
calculations for dielectric constants of anatase TiO2,42 the average
value of 46.23 was used in the correction.

To ensure the convergence of the cell size, we carried out the
formation energy calculations of oxygen vacancies in neutral
charged states with a larger supercell size of 216 atoms, i.e. 3 �
3 � 2 extension of the conventional cell. We found that the
formation energy of neutral charge VO is changed only by 0.075 eV
as the cell size increased from 108 to 216 atoms. The relaxed
geometries for all defects examined are shown in the ESI.†

To identify the dominant type of native defect, we compared
the stabilities of Tii, VTi, VO and Oi. The formation energy of a
native defect D with charged state q is defined as

Ef(D
q) = Etot(D

q) � Etot(TiO2) � nimi + q(eF + EV), (1)

where Etot(D
q) is the total energy of the cell with defect D in

charged state q. Etot(TiO2) is the total energy of the cell without
defects and ni is the number of atoms of a species i (Ti or O)
that have been added to (ni 4 0) or removed from (ni o 0) the
supercell. eF is the Fermi energy that ranged over the bandgap.
Note that eF is the energy of the electron reservoir with respect
to the VBM, EV, which is corrected in a defect-containing
supercell by aligning the electrostatic potential in a region far
away from the defect site with the corresponding potential in a
perfect crystal.

Finally, mi is a chemical potential representing the energy for
defect D that is taken from the reservoir. We reference chemical
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potentials ~mi to the energy per atom of the isolated elemental
phase: ~mO = mO � 1

2Etot[O2] and ~mTi = mTi � Etot[Tibulk]. These
reference energies are given by our DFT calculations for a total
energy of bulk Ti per formula unit (�9.46 eV) and a half of the
total energy of an isolated O2 molecule (�8.55 eV).

The chemical potential is a variable but it must satisfy the
thermodynamic equilibrium condition of TiO2, ~mTi + 2~mO =
DHf(TiO2), where DHf(TiO2) is the formation enthalpy of TiO2.
At the oxygen-rich limit (~mO = 0), the chemical potential of Ti is
given by ~mTi = DHf(TiO2). At the Ti-rich limit, ~mTi is bound by the
formation of Ti2O3, 2~mTi + 3~mO o DHf(Ti2O3).21 The formation
enthalpies estimated using the HSE approach are DHf(TiO2) =
�9.756 eV and DHf(Ti2O3) = �15.493 eV which are in good
agreement with the previous report.43,44 After all, the chemical
potential settings (~mTi, ~mO) corresponding to Ti-rich (O-poor)
and O-rich (Ti-poor) are (�1.72, �4.02) and (�9.76, 0) in eV,
respectively.

In addition to the extreme chemical potential conditions
(Ti-rich and O-rich), we consider an intermediate oxygen chemical
potential corresponding to a realistic growth condition during the
annealing of anatase TiO2. The oxygen chemical potential is a
function of temperature and oxygen partial pressure, as described
in ref. 45

~mO(T, p) = ~mO(T, p0) + 1
2kBT ln( p/p0), (2)

where ~mO(T, p0) is the oxygen chemical potential at the standard
pressure p0 = 1 atm, kB is Boltzmann’s constant, and T is the
temperature in Kelvin. The typical annealing temperature used
in the growth of anatase TiO2 is 400–550 1C1,2,46 and the typical
oxygen partial pressure is 10�4–10�5 Torr.47 We therefore chose
an annealing temperature of 550 1C and an oxygen partial
pressure of 10�5 Torr, which corresponds to (~mTi, ~mO) =
(�6.70, �1.52) in eV.

The thermodynamic transition levels are given by the Fermi
energy at which the formation energies of the two charged
states are equal [ESI†]:

eD q=q0ð Þ ¼
Ef Dq; eF ¼ 0ð Þ � Ef Dq0 ; eF ¼ 0

� �
q0 � q

: (3)

The thermodynamic transition is represented by kinks in the
plots of formation energy as a function of Fermi energy. Note
that eF ranges over the bandgap and references to the VBM.

The concentration of a native defect D with charge q, c(Dq), is
related to its formation energy Ef through the equation

c(Dq) = Nsites/(1 + expEf(D
q)/kBT), (4)

where Nsites is the number of possible lattice sites per unit
volume (Vcell) at which the defect can be formed.

The hole concentration (p) and electron concentration (n)
can be expressed by the following equations:48

n ¼ 2
mekBT

2p�h2

� �3=2

exp eF�Egð Þ=kBT ; (5)

p ¼ 2
mhkBT

2p�h2

� �3=2

exp �eF=kBT ; (6)

where me and mh are the electron- and hole-effective masses,
respectively, and Eg is the bandgap. The charge neutrality is satisfied
when the summation of donor and electron carrier concentrations
equals the acceptor and hole carrier concentrationsX

i

qici D
qð Þ þ p� n ¼ 0: (7)

The index i represents the donor- or acceptor-type defect. In our
calculations, the experimental hole-effective mass of 0.8m0 and
electron effective mass of 1.2m0 were used.49

3 Results

Fig. 1 shows the formation energies obtained from our hybrid
DFT calculations as a function of the Fermi energy. The lower
and upper limits of the Fermi energy correspond to the VBM and
the CBM, respectively. The slope of each line reflects the stable
charged state of each defect, e.g. V2+

O is stable over the other
charged states of VO in the entire range of Fermi energies. The
transition levels e(q/q0) corresponding to each defect are listed in
Table 1, some of which are also shown as filled circles in Fig. 1.

Under Ti-rich conditions (Fig. 1(a)), Ti4+
i has the lowest

formation energy among the defects examined over a wide
range of Fermi energies. However, the predominance overturns
at a higher Fermi energy, i.e. the formation energy of V 2+

O is
slightly lower than that of Ti4+

i near the CBM. On the other
hand, the formation energy of V4�

Ti is higher than those of
V 2+

O and Ti4+
i at any Fermi level, indicating that hole carriers

induced by the acceptor-type defect (V4�
Ti ) are incapable of

compensating for electrons induced by the donor-type defects
(V 2+

O and Ti4+
i ). In fact, the Fermi level determined by the charge

neutrality condition at a typical annealing temperature of
550 1C is pinned at the CBM under the Ti-rich conditions
according to our following analysis. The pinned Fermi levels
are denoted as up-pointing arrows in Fig. 1 for each ~mO

condition. When the transition level is above the CBM, the
Fermi level is considered pinned at the CBM. At the oxygen-rich
limit, the formation energy of V4�

Ti is lowered and the carrier
compensation effect is more pronounced, as observed in the
downward shift of the Fermi level, although it is still higher
than the VBM by 2.34 eV and cannot reach p-type conductivity
(Fig. 1(c)). Here, the formation of V2+

O is still favored compared
to Ti4+

i at the pinned Fermi level. Under an intermediate mO

corresponding to experimental growth conditions (oxygen partial
pressure 10�5 Torr at 550 1C),47 the Fermi level is located at
2.72 eV. Again, V2+

O predominates over Ti4+
i at the pinned Fermi

level (Fig. 1(b)), and therefore is considered the major source of
electron carriers. Thus, V2+

O is the predominant donor-type defect
under any ~mO condition.

Tii is stable in the form of the quadruple charged state. The
nearest oxygen neighbor along the vertical c-axis relaxes inward
by 23.6% in Tii while the two nearest-neighbor oxygen atoms on
the basal axis relax outward by only 0.37%. The optimized
structure of Tii is shown in Fig. S1(b) in the ESI.† Most of the
thermodynamic transition levels for Tii shown in Table 1 are
located above the CBM, reflecting that it is a shallow donor.
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VO is stable in the doubly charged state. There are three
nearest-neighbor Ti atoms around VO. In the neutrally charged
state, one Ti nearest-neighbor relaxes outwards by 8.39% while
the other two relax outwards by 2.80%. The optimized structure
of VO is shown in Fig. S1(c) in the ESI.† The transition levels
e(+2/+) and e(+2/0) (not shown in Fig. 1) are located above the
CBM, which is consistent with previous reports using the HSE
approach for rutile26 and anatase.29 Note that in our HSE06
calculation, we used the low-frequency limit of the dielectric
constant in Lany–Zunger charge correction40 while P. Deák et al.29

applied a high-frequency dielectric constant in Lany–Zunger
charge correction. Interestingly, our calculation and the calcula-
tion of P. Deák et al.29 yield qualitatively consistent results in
terms of the point that both VO and Tii exhibit the nature of
shallow donors. By contrast, DFT+U predicted that they are deep
donors.24,43

Oi atoms are more stable in a dumbbell configuration (Oi,db)
than in an octahedral configuration (Oi,oct), in the form of

peroxide ions at oxygen lattice sites. All the neighboring Ti
atoms relax outward only slightly. The optimized structure of
Oi,db is shown in Fig. S1(d) in the ESI.† Substitutional O2 has a
bond length of 1.44 Å in the neutral charged state, which is
slightly longer than that in an isolated O2 molecule (1.21 Å).
The transition level e(+2/0) is located 0.81 eV above the VBM,
indicating that it is a deep donor. The detailed analysis of Oi

has been studied by Paul Erhart et al.50

The VTi defect changes its charged state from neutral to �2
to �4 as the Fermi energy increases, as shown in Fig. 1. The
thermodynamic transition levels are located in the band gap:
e(0/�2) = 0.89 and e(�2/�4) = 1.21 eV, which indicates that VTi is
a deep acceptor. Recently, Chen and Dawson showed that VTi is
not stable with respect to the complex defect VTi + 2VO + O2 for
the Fermi level less than 1.37 eV by using HSE06.51 The
formation energy of this complex is very high and does not
contribute in our charge neutrality calculation. In anatase, the
axial bond lengths are longer than the equatorial bond lengths.
The nearest-neighbor oxygen atoms in the basal plane containing
V 4�

Ti relax outwards by 4.6%, whereas the nearest-neighbor oxygen
atoms in the axial direction relax outwards by 20%. The optimized
structure of VTi is shown in Fig. S1(e) in the ESI.†

Fig. 2(a) shows defect concentrations as a function of oxygen
chemical potential or oxygen partial pressure at 550 1C. Note
that eqn (7) is satisfied for each oxygen chemical potential in
the plots shown in Fig. 2. It is clear that the concentration of
V 2+

O is higher than that of Ti4+
i for any oxygen chemical potential,

while the concentration of V4�
Ti is limited. It should be noted that

we considered only point defects for the estimation of carrier
concentrations and effects of complex or line defects are not
taken into account. Fig. 2b shows the Fermi level determined
through the charge neutrality condition (eqn (7)) for each oxygen
chemical potential. The Fermi level is elevated as the O2 partial

Table 1 The transition level e(q, q0) all in eV reference to the VBM

Defect q, q0 e(q, q0)

VO +2/+ 3.92
+2/0 3.82

Tii +4/+3 3.41
+3/+2 3.70
+2/+1 3.82
+1/0 4.01

VTi 0/�2 0.89
�2/�4 1.21

Oi +2/0 0.81

Fig. 1 Defect formation energies as a function of Fermi energy under (a) Ti-rich, (b) experimental growth, and (c) O-rich conditions. The up-pointing
arrow indicates the Fermi level determined by the charge neutrality condition at 550 1C.
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pressure decreases, consistent with experimental observations.
The lowest Fermi level (2.34 eV) is reached under the O-rich
condition, although it is still much higher than the VBM. This
indicates that the intrinsic p-type conductivity can never be realized
under any equilibrium growth condition. In fact, holes are minority
carriers in anatase TiO2, as shown in Fig. 2(c), in which the carrier
densities of electrons and holes defined by eqn (5) and (6) for each
oxygen chemical potential are compared. As observed from Fig. 2c,
the electron density increases with decreasing oxygen chemical
potential and reaches a very high density (2.32 � 1019 cm�3) under
extremely O-poor conditions, which is in a similar order to the
experimental result.13 The result is also consistent with the com-
mon observation that electrical conductivity increases with decreas-
ing oxygen partial pressure.52

From these results, we conclude that V2+
O is the major source of

n-type conductivity of anatase TiO2. This result does not exclude
the existence of Ti4+

i because we found that a significant amount
of Ti4+

i is present, especially under O-poor conditions (Fig. 2(a)).
Multiple electron paramagnetic resonance (EPR) signals

associated with trivalent titanium ions have been observed for
reduced anatase TiO2.53 The previous theory suggested that the
origin of trivalent titanium is either oxygen vacancies or titanium
interstitials.17 Our estimation suggests that the concentration of
[V1+

O ] is two orders of magnitude higher than that of [Ti3+
i ]. Thus,

we suggest that the strong EPR signal is associated with trivalent
titanium originates from [V1+

O ].
The single-particle Kohn–Sham levels associated with the

neutral and charged defects of Tii and VO are shown in Fig. 3.
For charged defects, both spin-up and spin-down channels are
depicted along with spin-un-polarized cases. The correction is
also necessary for single-particle Kohn–Sham levels according

to previous studies.54–56 The horizontal dashed line represents
an adiabatic computational band gap of 3.73 eV. In Tii, the
occupied Kohn–Sham levels of the ionized cases are all located
lower than those in the neutral case, consistent with the common
observation for single ions, i.e. the second-ionization energy is
higher than the first-ionization energy. In contrast, the occupied
state of V1+

O lies higher than that of V0
O, because of the large atomic

relaxations around positively charged oxygen vacancies. As dis-
cussed earlier, the Ti ions that are nearest neighbors to V1+

O are
relaxed outwards, leading to the upward shift of the single-particle
levels. We found that this effect is more pronounced in our case
than in previous studies for rutile TiO2 using 20% of mixing
parameter in HSE.26

Thomas et al.57 used X-ray photoelectron spectroscopy (XPS)
to find that the electron energy loss is 0.9 eV below the CBM in
rutile and 1.1 eV in anatase. We found that the Kohn–Sham
levels of V0

O and Ti3+
i are 2.89 and 2.70 eV above the VBM. If we

consider the adiabatic computational band gap of 3.73 eV, the
defect levels of V0

O and Ti3+
i are 0.84 and 1.03 eV below the CBM.

The vertical ionization energy measured from XPS is more likely
to be originating from Ti3+

i . These species can also be the source
of the blue color observed in reduced anatase TiO2.58,59 Note
that these occupied charged states are not the predominant
form of the defects according to our formation energy analysis
(Fig. 1) and their concentrations are therefore limited.

4 Conclusions

In summary, due to the failure of the self-interaction error of
local and semi-local density functional approximations and

Fig. 2 (a) The defect concentration, (b) pinned Fermi energy and (c) carrier concentration (electrons ne and holes nh) as a function of oxygen chemical
potentials. The down-pointing arrow with the vertical dashed line indicates the oxygen chemical potential, �1.52 eV, corresponding to the experimental
condition at the annealing temperature of 550 1C and under an oxygen partial pressure of 10�5 Torr.

PCCP Paper



This journal is© the Owner Societies 2016 Phys. Chem. Chem. Phys., 2016, 18, 30040--30046 | 30045

their repercussions for polaronic defects, we performed calculations
using the Heyd–Scuseria–Ernzerhof (HSE) hybrid functional25

to gain more insight into the electronic properties of native
defects and their likelihood of formation under various growth
conditions. The native point defects examined in this study are
Ti vacancies (VTi), O vacancies (VO), Ti interstitials (Tii) and
O interstitials (Oi). Our calculations showed that VO and Tii act
as double and quadruple shallow donors, respectively. These
defects give rise to high carrier concentrations of free electrons
from 1011 to 1019 cm�3 under oxygen-rich to oxygen-poor
conditions, respectively. On the other hand, VTi behaves as a
deep acceptor and can alternatively be described as a donor
compensating defect. We found that hole carriers of these
donor-compensating defects are not capable of fully compen-
sating for the free electrons originating from the donor-type
defects for any oxygen chemical potential. Under extremely
oxygen-rich conditions, the Fermi level is located 2.34 eV above
the valence band maximum, indicating that p-type conductivity
can never be realized in reality. Our result is consistent with
common observations of intrinsic n-type conductivity of TiO2.

At a typical annealing temperature of 550 1C and under an
oxygen partial pressure of 10�5 Torr, the calculated pinned
Fermi level is estimated to be 2.72 eV above the valence band
maximum. Note that Fermi-level pinning reported in this work
is legitimate only if there are no electrically active impurities. In
reality, the absence of active impurities barely occurs in available
anatase samples. Under any growth conditions, the concentration
of VO was higher than that of Tii; therefore, VO is considered the
major source of the n-type conductivity in anatase.

Our calculated concentration of V1+
O is higher than that of

Ti3+
i . Consequently, the origin of trivalent titanium ions on

reduced TiO2, observed by EPR measurements, is possibly
associated with V1+

O . In addition, the calculated Kohn–Sham
levels associate with VO and Tii revealing that vertical ionization
measured from XPS originates from Ti3+

i .
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